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Strain and strain adaptation mechanisms in modern functional materials are of crucial importance
for their performance. Understanding these mechanisms will advance innovative approaches for
material properties engineering. Here we study the strain adaptation mechanism in a thin film
model system as function of epitaxial strain. Chemically disordered FeRh thin films are deposited
on W-V buffer layers, which allow for large variation of the preset lattice constants, e.g. epitaxial
boundary condition. It is shown by means of high resolution X-ray reciprocal space maps and
transmission electron microscopy that the system reacts with a tilting mechanism of the structural
units in order to adapt to the lattice constants of the buffer layer. This response is explained by
density functional theory calculations, which evidence an energetic minimum for structures with a
distortion of c/a ≈ 0.87. The experimentally observed tilting mechanism is induced by this energy
gain and allows the system to remain in the most favorable structure. In general, it is shown that
the use of epitaxial model heterostructures consisting of alloy buffer layers of fully miscible elements
and the functional material of interest allows to study strain adaptation behaviors in great detail.
This approach makes even small secondary effects observable, such as the directional tilting of the
structural domains identified in the present case study.
I. INTRODUCTION
Strain and stress at interfaces in-between different
phases are omnipresent in modern functional materials.
These interface effects may lead either to a degradation or
more precisely an undesired property modification due to
the strain in the material or, the more fortunate case, by
making use of strain engineering beneficial properties of
the material may be designed. An example for the latter
case is the epitaxial growth of oxide heterostructures1,
allowing for a delicate adjustment of functional ferro-
electric properties with the choice of the single crystal
substrate. In addition it is well known that properties
of semiconductor heterostructures such as charge carrier
mobility, can be modified by orders of magnitude by us-
ing different substrates or buffer materials2.
In addition to these examples from thin film technol-
ogy, there are also cases in which interfaces form within
one material, which goes through a phase transition. A
prominent case is given by martensitically transforming
materials, where semi-epitaxial interfaces are formed be-
tween the martensite and austenite phases, which in this
context are referred to as habit planes. Along these in-
terfaces, large strains occur leading to special adaptation
mechanisms, such as adaptive martensite structures3,4
in shape memory alloys (SMA)5,6. Such martensitically
transforming materials are interesting for medical or ac-
tuator applications. Magnetic SMA (MSMA) are attrac-
tive materials for magnetomechanical actuators7,8 and
magneto-caloric cooling9–11. For these applications, the
formation of the adaptive nanotwinned interfaces is of
crucial importance for the functional properties and re-
versibility of the materials12. Hence the mechanisms of
interface formation and the occurring strain adaptation
behaviors are of great interest for the design of these
complex functional materials.
The present study presents a systematic investigation
of unprecedented strain adaptation behavior found in
equiatomic Fe-Rh alloy thin films. The FeRh binary
alloy system has attracted substantial research efforts,
due to a peculiar magnetic transition, occurring in the
equiatomic B2-ordered (CsCl structure) alloy. Above
room temperature an antiferromagnetic-to-ferromagnetic
transition was observed in the 1930s13,14, which still con-
tinues to motivate various research activities15–22 and
has triggered several possible fields of application, among
them magnetocaloric cooling11,23–25, heat assisted mag-
netic recording26,27 antiferromagnetic memristor28, spin
valves29 and recently also spin polarization detection22.
In our recent publication30 we reported a strain in-
duced martensite-type transformation in highly strained
epitaxial FeRh on W buffer layers. In contrast to the
widely studied ordered phase, a chemically disordered al-
loy was investigated. The AF phase is highly sensitive to
defects like anti-phase boundaries and disorder32,33 and
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2thus FM magetic order prevails. The disordered FM sys-
tem reacts to the imposed strain during growth by trans-
forming into a martensite structure with orthorhombic
symmetry and a nanosized domain structure30. Elec-
tronic structure calculations suggest that the strain trig-
gers a band-Jahn-Teller like lattice instability, responsi-
ble for the consequent transformation of the lattice.
Here we present a systematic investigation of the strain
adaptation mechanism in chemically disordered, near-
equiatomic FeRh alloys as a function of epitaxial strain.
For that, epitaxial thin film heterostructures are ideal
model systems, as they allow for controlled growth of the
interface with a well-defined orientation dependency be-
tween substrate and film. The subsequent investigation
with X-ray reciprocal space mapping has identified an ad-
ditional structural adaptation of the material, accessible
only due to the well defined experimental model system.
II. EXPERIMENTAL AND COMPUTATIONAL
DETAILS
A. Experimental procedures
The 40 - 50 nm thick W-V buffer layers were co-
deposited by dc-magnetron sputtering on epipolished
MgO(001) single crystal substrates (SurfaceNET) with a
growth rate of 0.010 - 0.022 nm/s at 350 ◦C at an Ar pres-
sure of 0.0011mbar. FeRh thin films of approximately
10 nm thickness were deposited at ambient temperature
by using a Mini-electron-beam evaporator (Oxford Ap-
plied Research) allowing for the deposition of isotopically
enriched thin films for use in 57Fe conversion electron
Mössbauer spectroscopy (CEMS). The FeRh thin film
growth was monitored in situ with RHEED (reflection
high energy electron diffraction) and the observed streak
patterns confirmed the epitaxial growth for all samples
(see Supplementary Material31). The chemical com-
positions of the bilayers were determined with energy-
dispersive x-ray spectroscopy (EDX): the obtained com-
position (±5 at%) of the W1−zVz layers and those of the
Fe1−xRhx layers are given in Tab. Ia) for five bilayers
having buffer layers with different V content z. In the
following, the samples are labeled with their z parameter
value.
Thickness t of the individual layers of the heterostruc-
ture were determined from x-ray reflectometry (XRR)
(see Tab. I(b) ). XRR and high resolution x-ray diffrac-
tion (HRXRD) measurements were performed with a
Bruker D8 four-circle diffractometer, equipped with a
Goebel mirror and a 4-bounce Ge(022) monochromator
resulting in Cu-Kα1 radiation (0.154056 nm). Reciprocal
space maps (RSMs) were measured in co-planar geome-
try. The films were isotopically enriched in 57Fe, enabling
the investigation with element-specific 57Fe conversion
electron Mössbauer spectroscopy (CEMS). The High
resolution transmission electron microscopy (HRTEM)
study was carried out using a FEI Titan 80-300 elec-
tron microscope, operated at an accelerating voltage of
300 kV, featuring a CEOS image spherical aberration cor-
rector. The cross-section specimens were prepared using
a focused ion beam (FIB) FEI Strata 400 S instrument.
The first cutting step was performed with 30 kV Ga+ ions
and the final polishing steps were done at 5 kV and 2 kV.
Table I. (a) Results of chemical analysis of the
W1−zVz/FexRh1−x bilayers by energy-dispersive X-ray
spectroscopy (EDX). (b) Results of x-ray reflectometry
(XRR) and high resolution x-ray diffraction (HRXRD),
presenting the thickness t of both layers, the out-of-plane
lattice constant of the FeRh layer a′ and the in-plane lattice
constant aWV of the buffer layer.
(a) EDX (b) XRR HRXRD
z x tFeRh (nm) tWV (nm) a′ (Å) aWV (Å)
1.00 0.57(5) 12.5 54 2.672(2) 3.014(5)
0.70(5) 0.58(5) 11.3 42 2.672(2) 3.030(5)
0.57(5) 0.44(5) 8.6 43 2.680(2) 3.066(5)
0.32(5) 0.44(5) 8.0 51 2.680(2) 3.108(5)
0.00 0.52(3) 13.0 50 2.655(2) 3.151(5)
B. Computational details
To obtain the binding surfaces for the ferromagnetic
(FM) and paramagnetic (PM) phases, we carried out
total energy calculations in the framework of density
functional theory (DFT) using the Vienna Ab-initio
Simulation Package (VASP).34 Here, wavefunctions of
the valence electrons are expressed in terms of a plane
wave basis set, taking advantage of the projector aug-
mented wave (PAW) approach,35 to account for the in-
teraction with the core electrons. We took the PAW-
potentials from the standard database generated for
PBE-GGA (Perdew-Burke-Ernzerhof-General Gradient
Approximation)36 which consider explicitly the electronic
configuration 2p63d74s1 for Fe and 4p64d85s1 for Rh (ver-
sions of Sep. 2000). To guarantee accurately optimized
structures, the cutoff energy was chosen to be 366.5 eV.
In order to keep the computational effort tractable, we
made a few simplifying assumptions: Our calculations as-
sume collinear magnetic moments for the FM and the PM
phase, neglecting spin-orbit interactions. The PM phase
is represented by a static arrangement of collinear Fe-
spins with equal distribution of both directions. Statis-
tic disorder is approximated in the framework of special
quasi-random structures (SQS)37, which optimizes the el-
emental pair correlation functions of a disordered system
in a small simulation cell.
To represent chemically and magnetically disordered
structures on the same footing, we employed as in our
previous work30 a cubic SQS of the type A2BC with 32
atoms which was previously published by Jiang38. Aver-
aging over the atomic occupation of the sites, this super
3cell yields a bcc coordination for each atom. As epitaxial
strain reduces the cubic symmetry, we must furthermore
apply the distortion to all nonequivalent directions and
average over these configurations.
In our calculations, we placed Rh on the A-sites of
this SQS, as it is spin-polarized in the FM structure but
carries negligible magnetic moments in the PM structure.
The B and C sites were occupied with Fe ions, which were
spin-polarized in the same direction in the FM case. To
model the PM structure, we occupied the B- and C-
sites with Fe ions with positive and negative collinear
magnetic moments, respectively.
Since the distribution of the atoms in the SQS super
cell does not obey cubic symmetry, imposing a tetragonal
distortion with the compressed c-axis oriented parallel to
each of the three Cartesian axes leads to three inequiv-
alent configurations. To obtain a representative binding
curve E(c/a), the energies were thus averaged over all
configurations obtained in this way.
We started from the cubic case and increased the dis-
tortion stepwise towards the maximum distortion, start-
ing for each step from the optimized structures of the pre-
vious run. After this, commencing now with the largest
tetragonal distortion, we performed a second set of cal-
culations approaching again the cubic state by stepwise
decreasing c/a. This quantifies the non-reversibility aris-
ing from the ionic relaxation process, which tends to
get stuck in local minima on the binding surface. This
procedure (see Supplementary Material for a graphical
illustration31) was performed for both magnetic states at
a given c/a.
For each fixed value of c/a, we carried out alternat-
ingly full optimizations of atomic positions, interatomic
forces and the volume of the simulation cell. We em-
ployed a convergence threshold of 0.01 eV/Åfor the forces
and 10−7 eV for the total energy, respectively. Electronic
convergence was assumed when the energy between two
consecutive electronic steps fell below 10−7 eV. For opti-
mization, a k-mesh of 4×4×4 points was used together
with the Brillouin zone integration method of Methfessel
and Paxton39 with a smearing of σ = 0.1 eV. Finally, to-
tal energies were obtained with a k-mesh of 6×6×6 points
using the tetrahedron method with Blöchl corrections for
Brillouin zone integration.40
III. RESULTS
A. X-ray diffraction and reflectometry
XRR patterns of the five samples are presented in
Fig. 1. The observed Kiessig oscillations with dissimi-
lar periodicity can be attributed to the two different lay-
ers of the heterostructure. A clear distinction between
the oscillation stemming from the individual metal lay-
ers becomes difficult for the samples with intermediate
W1−zVz composition. This is related to the difference in
(electron) density between the two layers which provides
the scattering contrast, and which is vanishing for the
sample with z = 0.7.
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Figure 1. X-ray reflectometry curves of FeRh/W1−zVz bi-
layers. The obtained thicknesses of the respective layers are
given in Tab. I(b).
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Figure 2. Results of high resolution X-ray diffraction. (a)
HRXRD patterns of FeRh/W1−zVz bilayers grown at RT.
The determined FeRh and W1−zVz out-of-plane lattice pa-
rameters a′ and aWV, respectively, are given in Tab. 2.
The results of the structural investigation with
HRXRD are discussed first for the W1−zVz buffer layers
as they provide the basis for all further analysis. Fig. 2
displays standard θ/2θ measurements and the obtained
out-of-plane lattice parameters cWV are plotted as func-
tion of z in Fig. 3, while the likewise presented in-plane
lattice parameters aWV are determined from measur-
ing RSMs of asymmetric W1−zVz (013) reflections (not
shown).
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Figure 3. Synopsis of lattice parameters of W-V buffer layers
and FeRh film in out-of-plane direction. In- and out-of-plane
lattice parameters aWV and cWV, respectively, as well as the
volume averaged lattice parameter 3
√
V of W1−zVz buffer lay-
ers as a function of the V-content z. The solid line is a linear
fit to 3
√
V . In the lower part of the figure the FeRh out-of-
plane lattice constant is plotted. The dashed line is a guide
to the eye.
Both parameters, aWV and cWV, decrease systemati-
cally with increasing V content z. It is discernible that
in the medium composition region, the two values devi-
ate stronger from each other, which is equivalent to an
increasing tetragonal distortion of the bcc structure of
the W-V alloys with z. This implies a higher tolerance
of the V-rich alloys compared to pure W with respect
to epitaxial strain. This behavior is expected given that
the epitaxial misfit to the underlying MgO (lattice spac-
ing of 2.987Å) decreases with higher z allowing for fully
strained growth. At the same time the film material be-
comes less stiff (the elastic constants of V are about half
of those of W41,42) effectively reducing the elastic energy.
Then, as z increases towards pure V, the misfit is decreas-
ing so that the tetragonal distortion decreases again as
well. Additionally, in Fig. 3 the volume averaged lattice
parameter 3
√
V = 3
√
a2WVcWV is plotted, which averages
out the effect of different degrees of strained growth as-
suming a constant unit cell volume upon tetragonal dis-
tortion. The observed linear behavior proves that the
alloy thin films follow Vegard’s rule, which is well known
for bulk W-V alloys43. Here it is shown to be valid for epi-
taxial thin films and, moreover, that it can successfully
be applied in tailoring the strain state of subsequently
grown layers.
The HRXRDmeasurements lead to another interesting
observation: the position of the reflection attributed to
the FeRh layer does not change with the composition of
the buffer layer, as can be seen from the diffraction pat-
terns. This is a rather unexpected behavior of the FeRh
layers, as in-plane and out-of-plane lattice constants are
usually linked; hence an influence would have been ex-
pected in some form. The lattice parameter values, cor-
responding to the 2θ position, range around the values
obtained for the FeRh films on W in the Cmcm marten-
site phase (2.66 - 2.68Å 30) rather than evolving towards
the value expected for a bcc phase (≈ 3Å 44), which is
illustrated in the lower part of Fig. 3. Furthermore, our
diffraction data prove by the absence of a superstructure
reflection in the lower angle regime that the room tem-
perature deposition successfully suppressed the chemical
ordering.
RSMs of asymmetric reflections shown in Fig. 4 can
be exploited to shed light on the structure of the FeRh
layers. Presupposing that the symmetric θ/2θ measure-
ments yield lattice constants consistent with the Cmcm
martensite phase in all the samples, asymmetric reflec-
tions or regions of reciprocal space were investigated
which permit a clear distinction between a tetragonal or
the lower symmetry orthorhombic Cmcm lattice, as seen
in the figure.
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Figure 4. Reciprocal space maps of FeRh/W1−zVz bilayers.
The left panels present measurements of the (221)Cmcm re-
flection: with increasing V content z the reflection becomes
smeared out. The white bar in the topmost map is perpen-
dicular to the scattering vector q, see text for detail. The
right panels show the evolution of the (220), (202) reflection
pair. The dotted white bar indicates the position of the in-
plane scattering vector corresponding to the lattice of the W-
V buffer layer.
The RSMs of the (221) reflection (in Cmcm notation)
are shown in the left panels, while the (220), (202) pair
is given in the right panels. The (220), (202) reflections
5would have counterparts in a possible cubic or tetrag-
onal structure, but the splitting is a direct sign of the
two different in-plane lattice constants typical for an or-
thorhombic structure, as discussed in Ref. 30. The ob-
served reflections and lattice constants thus suggest the
orthorhombic Cmcm structure. The center position of
the (221) reflections in reciprocal space does not deci-
sively change with W1−zVz composition. In contrast,
the width of the reflection changes dramatically. With
decreasing in-plane lattice constant of the buffer layer,
it becomes increasingly smeared out. This broadening
is oriented approximately perpendicular to the scatter-
ing vector q, as indicated by the white bar ⊥ q in the
topmost panel. Such a broadening in this direction of
reciprocal space corresponds to a mosaic spread of the
crystal planes, i.e. a tilting of the unit cells45. This
information is intrinsically directional: that means it ac-
tually shows a mosaic spread, or tilting of the planes in
the direction of the in-plane components of the chosen
reflection < h21 >, selected by the azimuthal orientation
φ of the sample.
In order to be able to distinguish whether the observed
mosaicity is isotropic or itself directional (meaning that
the crystals or domains are tilted in certain specific crys-
tallographic directions), it is necessary to investigate re-
flections with different in-plane orientations. Indeed the
measurement of the (220), (202) pair of reflections pre-
sented in the right panel of Fig. 4, provides evidence
for directional (or anisotropic) tilting. It is obvious that
with decreasing lattice constant of the buffer layer (in-
dicated by the white dotted bar), starting from pure W,
the (220) reflection (left maximum) progressively smears
out to such an extent that only a diffuse intensity distri-
bution remains. In contrast, the (202) reflection is well
defined, with only little broadening. These observations
can be interpreted as follows:
The broadening of the (220) reflection indicates that
in this particular crystallographic (in-plane) direction,
namely along the b′ axis, the tilting of the crystallo-
graphic domains is strongest, while the lattice along the
c′ axis is undisturbed. The (221) reflection, having an
in-plane component in both directions, thus also shows
signs of tilting but not to the same extent as the (220)
reflection. The (221) intensity plot can be even separated
into two overlapping maxima, which can be fitted with
two 2D Gaussian peaks as shown in Fig. 5(a). This is
an important observation as it implies a well defined tilt
angle between the two crystallographic domains and not
just a broad mosaic spread.
This structural feature should also be observed in rock-
ing curves of symmetric reflections as a function of the
in-plane rotational orientation φ. Fig. 5(b) displays the
rocking curves of the reflection coming from the FeRh
(200) planes for an azimuthal angle φ of 45◦ (φ of 0◦ cor-
responds to the direction of the principal axes of the bcc
W-V buffer layer), hence parallel to the 〈010〉, 〈001〉 direc-
tions (see orientation relations in the sketch in Fig. 5(c)).
Indeed the φ = 45◦ measurement shows a strong broad-
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Figure 5. (a) RSM of the FeRh (221) reflection for the film
grown on pure V. The broad reflection can be reproduced with
two Gaussian peaks, indicating that the structural domains
are tilted with a well defined tilt angle against each other. (b)
Rocking curve of the FeRh (200) reflection, measured with an
azimuthal angle φ of 45◦. The data can be fitted with three
individual Gaussian peaks (identical width). The labeling re-
lates them to the differently oriented domains shown in (c),
which presents a sketch of the proposed adaptive nanostruc-
ture, including, on top of the 90◦ in-plane rotated variants,
also the additionally tilted domains along the b′ direction.
They can be attributed to the three components observed in
the rocking curve. The tilt angle α is also drawn, while the
tilting is exaggeratedly displayed, the actual value of α is
≈ 4.2◦. The interfaces or habit planes between the domains
are drawn with dotted lines. This is meant to indicate that
the real habit planes cannot be identified, only the orientation
of the crystalline domains is known. See text for more details.
ening and the curve can be deconvoluted into three peaks,
the two outer ones corresponding to the domains tilted
in this azimuthal direction (labeled 1 and 2). These max-
ima are thus shifted away from the center position, while
the center peak corresponds to the domains oriented in
the perpendicular in-plane direction (labeled 3). From
the position of the outer peaks a maximum tilt angle of
α ≈ 4.2◦ between the two domains can be determined.
Moreover, the observation that the structural domains
are tilted in b′ direction, which can also be seen as an
in-plane rotation of the domain orientations around the
c′ axis, is very intriguing. Whereas the c′ axis itself is, as
evidenced by the RSM, not affected from the tilting and
remains parallel to the film plane.
A tentative sketch of the nanostructure, illustrating the
tilted structural domains, is shown in Fig. 5(c). In the
graph each peak in the RSM is referred to one (arbitrarily
chosen) orientation of the tilted domains. The figure also
illustrates the tilt angle α between the domains, which
corresponds to a rotation of the lattice planes around the
c′-axis. The habit planes between the tilted and in-plane
rotated domains have not been identified, therefore they
are only indicated by the dotted lines.
6B. Transmission electron microscopy
High resolution transmission electron microscopy
(HRTEM) allows to study the in-plane rotation of the
c-axis oriented domains on a local nano-scale. Fig. 6 (a)
shows such a cross sectional HRTEM micrograph. From
the left to the right, one can identify the V buffer layer
and then the epitaxially grown FeRh buffer layer. Fast
Fourier transform (FFT) was performed from the framed
area in the FeRh layer, where the lattice fringes are mod-
ulated by the varying brightness (Moiré effect). From the
FFT, it can be clearly seen that the 020 reflections split
with a small misorientation angle of about 3.6◦ (rotation
around the c-axis, which is the zone axis in this image).
This means that along the viewing direction, there are
overlapped parts or grains with a small rotation angle
between each other.
In different areas of the prepared cross section lamella,
such misorientation can be observed for directly neigh-
boring grains, as shown in Fig. 6(b-c). By using a geomet-
rical phase analysis (GPA)46, the rotation of the lattices
can be quantified for the different areas in the HRTEM
image. The upper part coded by red color is misoriented
by about 3.8◦ compared to the lower part in the epitaxial
layer, which is in agreement with the analysis of FFT for
the previous HRTEM image.
This locally observed misorientation corresponds di-
rectly to the grains of type 1 and 2 (referring to Fig. 5),
which were seen on a macroscopic scale by x-ray diffrac-
tion. The determined misorientation angles of about 3.6
to 3.8◦ agree well with the value determined from the
rocking curves.
C. Conversion electron Mössbauer spectroscopy
The conclusions from x-ray diffraction that the actual
crystallographic structure is unchanged throughout the
sample series is supported in addition by CEMS, which
provides a local spectroscopic view on the environment
around the 57Fe probe nuclei. The obtained spectra
(see Supplementary Material31) are basically unaltered
as function of the buffer layer lattice constant. All spec-
tra can be represented with a narrow doublet with a
quadrupole splitting of ∆EQ ∼0.13 - 0.16mm/s and an
isomer shift δ of ∼0.06 - 0.7mm/s (see Tab. II with fitting
results). All parameters are basically identical within the
error margin, pointing towards an effectively similar local
environement.
This finding clearly is different to our previous work47,
where we investigated differently strained FeRh thin films
with partial chemical ordering. In that case, two sub-
spectra were observed, one doublet attributed to the
Cmcm phase and one sextet stemming from a distorted
bct phase with partial chemical ordering. Hence, the
present CEMS results yield valuable local spectroscopic
evidence which supports the hypothesis that the local
crystallographic structure of the FeRh films remains close
to the Cmcm martensite structure30, showing no sign of
secondary phases, in agreement with the analysis of the
HRXRD measurements.
Table II. Mössbauer hyperfine parameters obtained by fitting
quadrupole doublets to the room temperature CEMS spec-
tra: isomer shift δ, quadrupole splitting ∆EQ, Lorentzian
linewidth Γ, Gaussian broadening σ (all given in mm/s). δ is
given with respect to bcc-Fe at room temperature.
z δ ∆EQ Γ σ
1 0.068(5) 0.160(4) 0.275(6) 0.26(1)
0.7 0.072(5) 0.132(3) 0.24(1) 0.26(4)
0.57 0.072(5) 0.145(2) 0.24(3) 0.26(5)
0.32 0.071(5) 0.141(2) 0.23(2) 0.25(2)
0 0.063(5) 0.148(5) 0.280(5) 0.25(1)
D. Density functional theory calculations
To complement the microscopic understanding of the
diffraction data, we carried out first-principles calcula-
tions in the framework of density functional theory calcu-
lations, obtaining the total energy landscape for tetrago-
nally distorted and chemically disordered FeRh with fer-
romagnetic order (FM) and in a configuration with static
magnetic disorder (referred to as paramagnetic, PM), see
Fig. 7. The volume of the cell and atomic positions have
been fully optimized, while the tetragonal distortion was
fixed in the range 0.8 ≤ c/a ≤ 1 which corresponds to
the epitaxial boundary conditions in the experiment. For
the cubic A2 phase at c/a = 1 we find that FM order is
with 17meV/atom substantially lower in energy than the
corresponding PM A2 configuration. Afterwards we in-
creased the tetragonal distortion step-wise, starting from
the positions and magnetic configuration of the previ-
ous run, subsequently optimizing atomic positions and
cell volume once again. Tetragonal deformation affects
the energy of the FM structure only slightly. The en-
ergy landscape remains remarkably flat, forming a local
minimum around c/a = 0.87. Its energy is, however,
only 3.5meV below the A2 FM, which is at the edge of
the accuracy of our calculations. A similarly flat energy
landscape has been revealed for the magnetic shape mem-
ory system Fe70Pd30.48–50 This latter system has a com-
parable valence electron ratio e/a = 8.6 (e/a = 8.5 for
Fe50Rh50) and undergoes a martensitic transformation in
the respective composition range. Larger deformations,
finally, increase the energy significantly in the FM state
of Fe50Rh50.
The picture looks entirely different for the PM case.
Starting at c/a = 1 with a slight decrease as in the
FM case, the slope increases significantly for distortions
larger than 5%, reaching its minimum around c/a = 0.85
being now 13meV/atom below the tetragonally distorted
FM and 16.5meV/atom below the cubic A2 structure.
7V FeRh V FeRh V
FeRh
(a) (b) (c)
Figure 6. HRTEM.(a) Cross sectional view through the heterostructure, insets shows a Fast-Fourier-Transform (FFT) from the
framed region. The FFT shows two patterns with slight in-plane rotation, as seen by the splitting of the 040 reflection. The
two diffracting grains are placed along the viewing direction, and the Moiré fringes in the high resolution image evidence the
misorientation. (b) HRTEM of a different area of the cross section, here the misorientation can be observed for two neighboring
grains, as seen in the Geometrical phase analysis (GPA) in (c) of the same area as in (b). Here the colour code refers to a
rotation of the lattice planes.
We find a crossover between the two magnetic structures
at around c/a = 0.9. This is indicative of the transforma-
tion from a FM cubic or tetragonal phase to the paramag-
netic phase with orthorhombic Cmcm symmetry, which
we identified earlier as the new potential ground state of
epitaxially strained disordered FeRh30. In addition the
energies agree well with our previous results obtained for
isolated calculations at c/a = 1 and c/a = 0.87 for both
the FM and PM cases. In addition, we have also reversed
the deformation-relaxation-procedure, in terms of a step-
wise decrease of c/a, starting from the largest tetragonal
distortion. The final configurations obtained for c/a = 1
differ from the initial configurations only moderately by a
few meV/atom, the initial order of the phases is restored.
This proves that the deformation-induced magnetostruc-
tural transition, which we observe at c/a = 0.9, is es-
sentially reversible apart from positional disorder which
traps the system in local minima on the binding surface
and can thus lead to enhanced hysteresis.
IV. DISCUSSION
Directional tilting of epitaxial layers has been already
described in the literature as a strain or epitaxial misfit
relaxation process51. It has been observed in the het-
eroepitaxy of e.g. ferroelectric materials52,53 but as well
in compound semiconductor thin films54. However, in
the case of the present strained FeRh thin films, it is
not immediately apparent why such a mechanism should
appear.
Our discussion begins with the FeRh thin film on the
elemental W buffer layer: for that situation, the disor-
dered bcc A2 phase has a lattice spacing closest to the W
buffer layers (+6%), while the disordered A1 phase with
face-centered-cubic (fcc) symmetry has a huge epitaxial
misfit of ≈ +20%. That is why the A2 phase is chosen
as a reference for the films grown on W as presented in
Ref. 30, despite the fact that the A1 phase is known to
be thermodynamically more stable than the A2 phase55.
However, the system avoids the A2-like bct phase, by
growing in the obviously more stable close packed Cmcm
structure.
The structural arrangement of the Cmcm lattice bears
similarities to a hexagonal close packed (hcp) structure.
This can be understood by looking along the c′ axis as
illustrated in Fig. 8. The resulting pattern resembles a
threefold axis with an ABA stacking, typical of a hcp
structure. In this comparison, the hexagonal c-axis of
a possible hcp structure would be oriented in the plane,
while the <110>hcp direction represents the out-of-plane
direction. Nevertheless, the complete set of crystallo-
graphic reflections unequivocally proves an orthorhom-
bic symmetry of the crystallographic structure30,56 rather
than a hexagonal one. It can be thus speculated that
the pseudo-closed packed Cmcm arrangement, including
the nanosized domain pattern, is the result of a compro-
mise between a close-packed structure and fulfilling the
epitaxial boundary condition. In the calculation, this is
expressed by the local minimum at c/a ≈ 0.87, where
we previously identified the Cmcm structure. To that
respect the W buffer layers matches well to the aver-
age in-plane lattice constants of the equilibrium Cmcm
structure.
In the case of the FeRh films onW-V buffers, the preset
in-plane lattice parameter is reduced, so that the epitax-
ial misfit decreases with respect to the metastable A2
phase, reaching down to only +1%. From this purely ge-
ometrical consideration, one thus expects a stabilization
of the FM, cubic A2 phase on the V-rich and pure V
8Figure 7. Energy as function of the tetragonal distortion c/a
for chemically disordered FeRh from density functional the-
ory. The blue and red circles denote the average energy of all
calculations in the FM and PM state carried out for a given
c/a, while the smaller symbols represent the individual val-
ues obtained from a consecutive deformation of the structure
along the three Cartesian axes. The shaded regions illustrate
the range between the minimum and maximum energy config-
urations for each magnetic state quantifying the uncertainty
range for the calculated values. The lines are only guides to
the eye.
hcpCmcm
b'
a'
b a
Figure 8. Comparison of Cmcm and hcp structure. Both
structures are shown along their (pseudo) hexagonal c axis.
buffer layers. But as we can see from our calculations a
PM Cmcm phase with an effective c/a ≈ 0.87 as found in
the experiments for the films on V, is significantly lower
in energy than the corresponding cubic phase at c/a = 1.
Moving now from the Cmcm structure on pure W to
the V-rich buffer layers, we find that the system tries to
remain in the pseudo-close packed Cmcm arrangement,
instead of transforming towards a tetragonal distorted
A2 phase, which is indeed energetically less favorable.
But with decreasing lattice constant of the buffer layer,
the Cmcm structure does not perfectly fit to the lattice
constant of the buffer anymore. The mismatch is mostly
due to the longer b′ axis. The shorter c′ lattice parameter
now matches better to the buffer layer and both eventu-
ally coincide. This is illustrated by the overlap of the
white dotted bar (in-plane position of the buffer layer re-
flection) with the position of the FeRh (202) reflection in
the case of the pure V sample (see Fig. 4). However, the
misfit in the b′ direction drastically increases, which ul-
timately is the reason for the observed directional tilting
of the crystallographic domains along the direction of the
b′ axis. This additional adaptation mechanism allows the
system to end up in the local minimum for the Cmcm
phase at c/a ≈ 0.87, although the epitaxial conditions
should favor the cubic phase.
This interpretation suggests that the metastable close
packed structures dominate in the entire range of in-plane
lattice constants investigated in these chemically disor-
dered alloys and the expected FM A2 phase cannot be
stabilized57. Further experiments exploring the strain
adaptation behavior for smaller buffer layer lattice con-
stants, towards an fcc structure, or even larger buffer
layer lattice constants can be realized using Cr-V,58 Cu-
Au59 or possibly Ta-W60 buffer layers, respectively.
The importance of chemical order (B2-order) for the
strain adaptation behavior is illustrated by our recent
results on FeRh thin films, which were grown at elevated
temperature on W-V buffers47. Here the thermal en-
ergy allows for partial chemical ordering of the structure
and in turn the strain adaptation mechanism is differ-
ent. In that case a two-phase nanostructure consisting
of the Cmcm phase and a chemically ordered B2 phase
is formed. This two-phase nanostructure adapts to the
buffer layer lattice by varying the respective ratio of the
two phases.
Together with the present results the findings on a
whole display a remarkable feature of the Fe-Rh mate-
rials system. Depending on the degree of chemical or-
dering the material is able to adapt to any preset lattice
constant by either formation of a martensitic nanostruc-
ture, in effect a fine tuning adjustment by the directional
tilting of the martensitic domains or by the formation of
a self assembled two phase nanostructure47 .
V. SUMMARY AND CONCLUSION
In summary, the results of this systematic investiga-
tion show that the Cmcm structure is stable over a wide
range of in-plane lattice parameters. This is due to an
adaptive mechanism based on the observed alternate tilt-
ing of the crystallographic domains in direction of the
longer in-plane axis b′, which leads to an effectively re-
duced misfit in this particular direction. Adaptive struc-
tures do not only allow an accommodation of the strain,
but also display a possibility for the system to avoid the
thermodynamically unfavorable disordered A2 phase, de-
spite the epitaxial condition, which clearly would favor
the latter phase. DFT calculations prove that the PM
Cmcm phase with a c/a ≈ 0.87 is lower in energy than
an FM cubic phase, and the observed tilting of the nano-
domains allows the system to achieve this local energy
minimum. Moreover, our calculations suggest the exis-
9tence of a magnetostructural transition at c/a ≈ 0.9.
As such this study provides new insights into the strain
adaptation mechanism of chemically disordered Fe-Rh
alloys and correlates the observed behavior to the free
energy landscape of the system. This is discussed also
with respect to the (partially) B2 ordered phases47, which
show an entirely different strain adaptation behavior,
which includes the separation into a two phase nanos-
tructure. The fact that a variety of strain adaptation
mechanisms exist in one binary alloy, as function of de-
gree of chemical order and strain, is an interesting feature
of the Fe-Rh system and may occur as well in other al-
loy systems in which chemical ordering tendencies are
present.
With this study we have shown that epitaxial het-
erostructures consisting of alloy buffer layers and the
functional material of interest can be employed to study
strain adaptation mechanisms in a well defined model
system. This allows to vary strain and misfit in a large
range and also gives access to directional strain adapta-
tion mechanisms, which has proven crucial for the present
case study.
The importance of interfacial strain and strain adap-
tation mechanisms for modern functional materials such
as (magnetic) shape memory alloys is highlighted. How-
ever the formation of heteroepitaxial interfaces also plays
a role in energy storage materials61,62 and the proposed
approach may be also successfully applied to these cases.
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